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Abstract

Relaxation processes of several kinds of polyethylene films and fibers with different molecular orientational degrees and crystallinities

were extensively investigated by the dynamic mechanical relaxation, positron annihilation and 13C nuclear magnetic relaxation (13C NMR).

From complex dynamic tensile modulus, the activation energies of a1 and a2 relaxations were determined to be 97–118 and 141–

176 kJ/mol, respectively. The activation energy of b relaxation was 114–115 kJ/mol. These values were similar to those of a1 relaxation

reported already. For g relaxation mechanisms, there existed two mechanisms, g1 and g2, the activation energies being 9–11 and 23–

25 kJ/mol, respectively. The values were independent of the molecular orientation and crystallinity. The two local motions indicate that non-

crystalline phase composes of two regions of non-crystalline phase, rubber-like amorphous phase and interfacial-like amorphous phase. From
13C NMR measurements of 13C longitudinal relaxation time for the non-crystalline phase, the activation energy was 20.7 kJ/mol. This value

is close to the activation energy (23–25 kJ/mol) of the g2 relaxation estimated by the dynamic mechanical measurement. The result by 13C

NMR did not provide two kinds of activation energy, indicating combined influence of the two correlation times. Even so, the activation

energies obtained by 13C NMR indicated that the g2 relaxation mainly is due to the motion of the C–C central bond of a short segment (e.g.

three to four CH2) within interfacial-like amorphous phase. The g and b relaxation peaks by the dynamic mechanical measurements

corresponded to the first and second lifetime transition of ortho-positronium indicating, in turn, a drastic change in free volume by local mode

relaxation.

q 2003 Elsevier Science Ltd. All rights reserved.
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1. Introduction

It is well-known that there exist three kinds of transitions

for polyethylene. The analysis of the transitions have been

estimated by measuring mechanical relaxation [1–11],

dielectric relaxation [12–14] and nuclear magnetic relax-

ation [15–18]. Among the three transitions, the study by

measuring mechanical relaxation has been mainly concen-

trated on the crystal relaxation (the a transition) of

polyethylene prior to melting. Since the resolution of the

transition into two components was first investigated by

Nakayasu et al. [1], multiple types of crystalline relaxation

mechanisms have been studied by various authors [2–11].

Stein et al. [19–22] and Kawai et al. [23–26] have

proposed that rheo-optical studies may be used to

investigate the nature of mechanical loss processes of

semi-crystalline polymers in connection with the defor-

mation mechanism of the structural units. They have studied

the deformation mechanism of semi-crystalline polymers,

e.g. spherulitic polyethylene films, by using dynamic X-ray

diffraction and dynamic birefringence techniques. In terms

of rheo-optical studies, Kawai et al. obtained the three kinds

of activation energies of the (110) and (200) planes by the

Arrhenius plots on constructing the master curves of

complex stress-orientation coefficient functions as well as

of dynamic crystal compliance functions measured beyond
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room temperature [24–26]. The values of three kinds of

energies are independent of the crystal planes and the values

are close to the three kinds of activation energies in bulk,

respectively. They concluded the a and b transitions as

follows: the a1 mechanical dispersion is assigned to intra-

lamellar grain boundary phenomena associated with

reorientation of crystal grains within the orienting lamellae,

involving two types of preferential rotations of the crystal

grains about their own a- and b-axes; respectively, mostly at

the polar and equatorial zones of the spherulites; the a2

mechanical dispersion is assigned to intra-crystal lattice

retardation phenomenon, as observed by the frequency

dispersion of the complex dynamic crystal lattice compli-

ance function, and be ascribed to smearing-out effect of the

crystal lattice potential at the onset of rotational oscillations

of polymer chains within the crystal grains; the b

mechanical dispersion is assigned to inter-lamellar grain

boundary phenomena associated with orientational and

distortional dispersions of noncrystalline materials between

orienting lamellae, as rigid body, within uniaxially

deformed spherulites.

Apart from their analysis for randomly orientated system

[19–24], the anisotropy of crystal relaxation was investi-

gated as a function of draw ratio by use of undrawn and

drawn films with various draw ratios up to 400-fold [27,28].

Superposition was adopted by a combination of horizontal

and vertical shifts resulting in apparent master curves of the

storage and loss modulus functions. The value associated

with the a1 relaxation decreases as a draw ratio increases but

the value leveled off when the draw ratio was beyond 100.

On the other hand, the component of the a2 relaxation

decreased with increasing the draw ratio and became zero at

a draw ratio of 400. This means that the a2 relaxation could

not be observed, when the external excitation is parallel to

the c-axis:

Recently, Hu and Schnidt-Rohr provided the information

of the a mechanism by NMR and they also summarized the

origin of extremely high drawability reported by a number

of authors in relation to the a-relaxation chain mobility in

the crystallites [29]. Furthermore, the detailed analysis

concerning chain mobility was done for high density

polyethylene (HDPE) and ultra-high molecular weight

polyethylene (UHMWPE) in terms of chain diffusion

between crystalline and amorphous phases by two-dimen-

sional exchange 13C NMR [30] as well as chain flips by

dipolar 13C NMR [16–18]. These results pointed out the

occurrence and the rate of 1808 chain flip motions in the

crystalline region of HDPE and UHMWPE by dipolar 13C

NMR. They concluded that the jumps occur between two

sites, with a rotation angle of 1808 and with a jump rate of

,10/s at ambient temperature and activation energy for the

1808 chain flip is 122 ^ 20 kJ/mol [18]. This value is

slightly higher than values of the a1 mechanism and slightly

lower than that of the a2 mechanisms estimated for several

kinds of polyethylene by dynamic X-ray [24–26].

Another interesting treatment has been done by Nitta

et al. for the a, b and g relaxations using metallocene

catalyzed linear polyethylenes [31]. They pointed out that

the a relaxation and melting temperature have similar

functional dependence of the inverse lamellar thickness and

the b dispersion associated with the non-crystalline phase is

different between the branched and linear polyethylene

specimens.

In spite of the detailed analysis of the a and b relaxation

mechanisms, the analysis of the g relaxation mechanisms

has been done using several specimens with different

crystallinity and molecular weight on the basis of tempera-

ture dependence of the loss modulus at a fixed frequency.

Khanna et al. [32] pointed out that the peak of the loss

modulus of the g relaxation is sensitive to the kinds of

polyethylene. The relaxation peak position for HDPE

specimens appeared at 2107 8C regardless of the density

or thermal history, while it occurred at 2111 and 2114 8C

for the linear and branched low density polyethylene

(LDPE) specimens, respectively. The magnitude of the

peak tended to decrease with increasing crystallinity. Based

on their results, they pointed out that the g relaxation

involves the motion of a short chain segment in the

amorphous phase. Actually, the g relaxation was not

observed for very long chain paraffin, n-C94H190 [33], and

very pure n-Eicosane (20 carbon atom paraffin) single

crystals [34]. However, detailed analysis has never been

carried out in terms of activation energy obtained by

the Arrhenius plots of logarithm of shift factor versus the

reciprocal of the absolute temperature. This is due to the

difficulty in producing the master curves of the storage

modulus E0 and the loss modulus E00; because the values of

E0 and E00 as a function of frequency was scattered at the

temperature lower than 0 8C.

In addition to several reports for nuclear magnetic

relaxation described before [15–18], recent development of
13C NMR has also provided useful information to study

local dynamics in bulk polymers associated with the glass

transition [35–41]. The spin–lattice relaxation time ðT1CÞ as

a function of temperature measurements have been done for

several kinds of polyesters [38], poly(vinyl methyl ether)

[39], poly(propylene oxide) and poly(ethylene oxide) [40],

since the minimum value of T1C can be observed at the

temperature higher than room temperature. For polyethy-

lene, T1C measurements were carried out at temperatures

,0 8C by using solution-crystallized and melt-crystallized

films by Chen et al. in order to measure the activation

energy [41]. The minimum value of T1C appeared around

210.5 8C for the solution-crystallized specimen and around

230.5 8C for the melt-crystallized specimen. The corre-

sponding activation energies were 21.7 and 15.6 kJ/mol,

respectively. They concluded that molecular mobility

concerning the dispersion at temperature ,0 8C is due to

the rapid trans-gauche transition. This conclusion, however,

must be examined carefully.

Another interesting result were reported by Spiess et al.

[30,42,43] in deuterium quadrupole studies. They
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interpreted the line shapes in terms of rigid bonds,

reorientation of C–D bonds moving between 2 sites

separated by the tetrahedral angle, between 3 such sites,

and, more general motion. In their interpretation, the 2 site

jumps were analyzed as arising from kink advance, while

the 3-site jumps, as arising from five bond crankshaft

motion, based on the concept that rigid bonds, 2- and 3-site

tetrahedral jumps have characteristic line shapes.

During the last decade, positron annihilation in polymers

has been extensively studied and positron-annihilation

lifetime spectroscopy has been recognized as a useful

method for studying the characteristics of polymers.

According to several reports [44–47], it may be expected

that an increase in the concentration of trapped electrons at a

low temperature enhances the intensity of the long-lived

component of positronium ðI3Þ: This has been explained by

the relaxation of the polymer. Positron annihilation is used

here to make clear the origin of the b and g relaxations.

As discussed before, except Kawai’s papers [23–26],

most of the relaxation mechanisms for polyethylene have

been estimated on the basis of the information obtained

from only one instrumental technique. Accordingly, this

paper mainly deals with analysis of the g relaxation

mechanisms of several kinds of polyethylene films by the

three kinds of methods, dynamic mechanics, positron

annihilation, and 13C NMR. The two or three methods

were adopted for the same specimen to estimate the

relaxation mechanisms. In the analysis of dynamic mech-

anical relaxation, E0 and E00 as a function of frequency were

obtained carefully to obtain the master curves. Interestingly,

the Arrhenius plots indicated the possibility that there exist

two mechanisms for the g relaxation. The molecular motion

associated with local mode relaxation was estimated in

terms of the intensity of the long-lived component and life

time of positronium. Furthermore, for 13C NMR, T1C were

measured as a function of temperature and the activation

energy was determined from the minimum value of T1C

which appeared at 225 8C. The g relaxation mechanism

was analyzed on the basis of the three methods discussed

above.

2. Experimental section

2.1. Sample preparation

Films and fibers of low molecular weight polyethylene

(LMWPE) were used as specimens in this experiment. In

order to prepare the films, a linear polyethylene with a

viscosity average molecular weight �Mv of 70,000 was

calendered under different friction ratios of the rolls at a

desired temperature between 100 and 135 8C. The films

were drawn at a commercial establishment and the draw

ratio of the calender film was determined as the friction

ratios of the rolls in a company. On the other hand, mono-

filaments (undrawn fiber) of a linear polyethylene with

�Mv ¼ 54; 000 were prepared by melt spinning under a

desired cooling rate between 2 and 10 8C/min by another

company. This company suggested to us that the structure

produced when the temperature reaches 115 8C must be

preserved by the rapid cooling in the first stage to assure

high modulus such as 55 GPa. The filaments were drawn at

temperatures above 70 8C as the second stage to promote the

molecular orientation. The detailed know-how for preparing

both the specimens has been kept at each company.

To prepare the branched polyethylene films with crystal-

linity ,50%, samples were prepared by molding at 180 8C

with Sumikasen G201( �Mv ¼ 41; 300 and melt index ¼ 2)

and G808 ( �Mv ¼ 20; 700 and melt index ¼ 200). The

degree of branching is roughly 2.5 CH3/100 carbons.

2.2. Measurements

2.2.1. Visco-elastic measurements

The complex dynamic tensile moduli were measured at

frequencies from 0.01 to 100 Hz over the temperature range

from 2150 to 130 8C by using a visco-elastic spectrometer

(VES-F) obtained from Iwamoto Machine Co. Ltd. The

length of the specimen between the jaws was 40 mm and the

width was about 1.5 mm. During measurements, the speci-

men was subjected to a static tensile strain (about 0.1%) in

order to place the sample in tension during the axial

sinusoidal oscillation. The complex dynamic modulus was

measured by imposing a small dynamic strain (about

0.05%) to ensure linear visco-elastic behavior of the

specimen [27]. Here we must emphasize its difficult to

obtain master curves of complex dynamic tensile modulus

because the observed data were scattered. Accordingly, the

same measurements were carried out several times by using

the same specimen without removing the specimen from the

jaws. During the measurements, the specimens were

elongated by the axial sinusoidal oscillation during long

time measurement when the measured temperature was

beyond 120 8C. The elongation was not recovered when

temperature returned to 2150 8C to pursue the second

measurement. Accordingly, the master curve was achieved

by using the frequency dependence of the complex modulus

measured in the limited temperature range from 2150 to

110 8C for the linear polyethylene films and fibers with

crystallinity ,68%.

2.2.2. Positron annihilation

The positron annihilation experiments were carried out

with a conventional fast–fast coincidence system having a

time resolution of 270 ps full width at half maximum

(FWHM). The time spectrometer was composed of two

plastic scintillation detectors (40 mm B £ 40 mm Pilot-U

mounted on a Hamamatsu H1949 photomultiplier), two

differential constant fraction discriminators (ORTEC 583):

one for start signals from 1.27 MeV g-rays and the other

one for stop signals from 0.511 MeV annihilation g-rays, a
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time-to-amplitude converter (ORTEC 4570), and a multi-

channel analyzer with a 1024 conversion gain (SEIKO

7800). The position source was prepared by depositing ca.

1.1 MBq (30 mCi) of aqueous 22NaCl on a Kapton foil of

7 mm thickness and 10 £ 10 mm area. The source was

further sealed in a 3 mm Mylar foil and then sandwiched by

two identical samples. The diameter of the spot of 22Na

source was B40 mm.

When the sample was kept in a vacuum cell, two

counters had to be separated by 25 mm. When the samples

with 22Na source were removed from the cell and directly

sandwiched by two counters, the separation between the two

counters was 5 mm and the counting rate was increased to

7–8 million events in 1 h.

2.2.3. 13C NMR measurements

NMR measurements were carried out for dry gel films

with a Bruker MSL 200 spectrometer, operating at a static

magnetic field of 4.7 T. A radio frequency of 50 MHz was

used for detection of 13C resonance. The magic-angle

spinning rate was 3 kHz. The contact time in 13C CP-MAS

measurement was 1 ms. The chemical shifts were mainly

determined from the higher field signal (29.5 ppm) of

adamantane relative to tetramethylsilane (TMS). Spin–

lattice relaxation times ðT1CÞ longer than several tens of

seconds were estimated using the method developed by

Torchia, while T1C shorter than a few seconds were

measured by the standard-recovery pulse sequence without

cross-polarization (CP). 1H DD/MAS 13C NMR without CP

was measured to obtain the spectrum containing partial or

total contributions from the components in the structure,

quantitatively.

2.3. Sample characterizations

2.3.1. Orientation factors

The orientation factors of the a-; b- and c-axes were

estimated from the orientation distribution functions of the

reciprocal lattice vectors of the (200), (020) and (002)

planes by the X-ray measurements which were carried out

by 12 kW rotating anode X-ray generator (RDA-rA). In

order to check the validity of the values of the c-axes; the

orientation factors of the b- and c-axes were estimated from

the factors concerning the (110) and (200) planes by

Wilchinsky’s equation [48]. The factors of the c-axis

obtained by the two methods were in good agreement.

The second order orientation factor of the amorphous chain

segments was obtained from the birefringence as estimated

by subtraction of the crystalline contribution from the total

birefringence, assuming simple additivity. The procedure

for evaluating the intrinsic birefringence of crystalline and

amorphous phases is described elsewhere [49]. Here we

noted that the X-ray diffraction pattern showed circular

diffraction rings, when the X-ray was directed parallel to the

stretching direction (end view). This indicates that crystal-

lites within all the specimens take a random orientation

around the machine direction.

2.3.2. Melting point and crystallinity

The crystallinity was calculated from the density which

was measured by a pycnometer in chlorobenzene–toluene

as a medium, using 1.000 and 0.852 g/cm3 as the densities

of the crystal and amorphous phases, respectively [50]. The

melting point was estimated in terms of melting endotherms

of DSC curves obtained at a constant rate of 10 8C/min.

Specimens, weighing 5 mg each, were placed in a standard

aluminum sample pan.

3. Results and discussion

Table 1 shows the characteristics of the calender films

with different draw ratios, undrawn and drawn fibers

produced by melt spinning, and melt films prepared in our

laboratory. In Table 1, the melting point, the volume

crystallinity, birefringence, long period and the storage

modulus of the calender films at 20 8C increases gradually

with increasing draw ratio l: The Hv light scattering from

calender films showed X-type patterns whose lobes are

extended in the horizontal direction, indicating existence of

rod-like textures oriented preferentially in the stretching

direction [51]. On the other hand, Hv scattering from the

melt films shows four-leaf-clover type patterns indicating

existence of spherulites [52]. The average radius estimated

from a scattering angle taking the maximum intensity is 14

and 170 mm for the melt films G201 for G808 respectively.

Here it is of interest to consider that the storage modulus of

the drawn fiber is much higher than that of the drawn film

with l ¼ 14; although the birefringence of the fiber is

slightly lower than that of the drawn film.

Table 2 shows the orientation factors of the a-; b-; c-axes

and the amorphous chain segments. With increasing draw

ratio, the c-axes and amorphous chain segments orient

predominantly in the machine direction and the orientational

degree of the c-axes is more pronounced than that of the

amorphous chain segments. For the undrawn fiber (mono-

filament), the a-axes take the preferential orientation with

respect to the machine direction and the b-axes orient almost

perpendicular. The c-axes and the amorphous chain segments

of the drawn fiber orient preferentially in the stretching

direction. In comparison with the values of the orientation

factors in Table 2, the orientational degree of the c-axes of the

drawn fiber is less pronounced than that of the drawn film

with l ¼ 14; while the preferential alignment of the

amorphous chain segments is slightly higher than that of

the drawn film. By using the specimens with various

characteristics listed in Tables 1 and 2, the a, b and g

relaxations are analyzed in terms of their activation energy.

Fig. 1 shows temperature dependence of the storage

modulus E0 and the loss modulus E00 at a frequency of 10 Hz

for the calender films with l ¼ 3 and 14. As reported
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elsewhere [53], the loss modulus for the specimens shows

the a and g relaxations, while no b relaxation peak is

observed because of the high crystallinity .70% of linear

polyethylene. The measurements were done to know the

approximate peak magnitude of several kinds of relaxation

processes. Based on the results, the frequency dependence

of E0 and E00 was measured in the wide temperature range

from 2150 to 110 8C to pursue a detailed analysis of the a

and g relaxations.

Figs. 2 and 3 show the master curves of E0 and E00 against

frequency, respectively, for the calender films at l ¼ 3 and

14, which were reduced to the common reference

temperature of 60 8C. Each curve is obtained by shifting

horizontally and then vertically until a good superposition is

achieved. It is seen that each master curve of E00 in Fig. 3 has

two broad dispersion peaks at low and high frequency

ranges, respectively. In comparison with the master curves

reported for polyethylene elsewhere [26], it can be inferred

that the broad peaks at low frequency corresponds to the

overlapping of the a1, a2 and b relaxation peaks, while the

broad peak at high frequency range corresponds to the g

relaxation peak. Here we must emphasize that the frequency

dependence must be measured at temperature ,2150 8C to

achieve the full (perfect) broad master curve but this

measurement is impossible in our instrument. Incidentally,

even the broad peak of the master curve of E00 beyond

log naT ¼ 6 shown in Fig. 3 has never been reported,

because most of the measurements for frequency depen-

dence were carried out above room temperature. Anyway,

the broad dispersion peak corresponding to the g relaxation

at the high frequency range may be expected to consist of

Table 1

Characteristics of calender films with different draw ratios ðlÞ; fibers produced by melt spinning and melt films

Specimens

Calender film Fiber Melt film

3 6 8 14 Mono-filament Drawn G201 G808

Melting point (8C) 133.0 133.2 134.1 135.0 134.0 141.5 108.0 105.1

Crystallinity (%) 70.6 72.1 73.9 78.6 68.4 86.4 45.6 45.9

Storage modulus at 20 8C (GPa) 2.71 3.98 4.30 15.30 1.85 55.6 0.17 0.13

Birefringence ( £ 1023) 40.5 44.8 46.6 50.3 3.36 48.0 0 0

Long period (nm) 23.0 28.0 22.5 36.5

Table 2

The second order orientation factors of three principle crystallographic axes and amorphous chain segments of calender films and fibers by melt spinning

Specimens

Calender film Fiber

3 6 8 14 Mono-filament Drawn

a-axis 20.387 20.435 20.450 20.476 0.245 20.410

b-axis 20.370 20.391 20.412 20.453 20.356 20.434

c-axis 0.760 0.827 0.861 0.929 0.112 0.844

Amorphous chain segments 0.637 0.730 0.743 0.751 20.048 0.824

Fig. 1. Temperature dependence of the complex dynamic moduli at a

frequency of 10 Hz for the calender films with l ¼ 3 and 14.
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more than two relaxation mechanisms. However, as discussed

before, direct peak separation into the respective contributions

was very difficult, since the data at log naT . 8:5 to obtain a

perfect g dispersion peak could not be obtained in our

instrument.

In order to classify the broad dispersion curve of E00 in

Fig. 3 into multiple components, the logarithm of the

temperature dependence of the horizontal shift factor

aT ðT ; ToÞ was plotted against the reciprocal absolute

temperature as shown in Fig. 4(a). The Arrhenius plots

thus obtained are represented by four straight lines. The

lines were drawn by the method of least squares. But the

activation energies determined by the slopes of the drawn

lines contains error because of the scattered plots. Of course,

the values are confirmed to be within the experimental error.

The activation energies obtained from the slopes of these

lines are given as 10, 25, 110, and 150 kJ/mol for the

specimen with l ¼ 3 and 11, 25, 108 and 148 kJ/mol for the

specimen with l ¼ 14: These results clearly indicate that

the dispersion curves of E0 and E00 in Figs. 2 and 3 consist of

four components. According to numerous previous studies,

the estimated values of the activation energies are in the two

ranges of the literature values of HDPE, i.e. from 98 [26] to

117 kJ/mol [1] for a1 and 147 [27] to 193 kJ/mol [7,8] for

a2. Therefore, the activation energies of 110 and 108 kJ/mol

correspond to the a1 relaxation mechanism of the specimens

with l ¼ 3 and 14, respectively, while those of 150 and

148 kJ/mol correspond to the a2 dispersion. The activation

energies of the a1 and a2 relaxations become smaller with

increasing draw ratio.

Figs. 5 and 6 show the master curves of E0 and E00;

respectively, for the undrawn fiber (mono-filament) and

drawn fiber. Each curve was obtained by shifting horizon-

tally and then vertically until a good superposition was

achieved as in the case of the calender films. The profiles in

Figs. 5 and 6 are similar to those in Figs. 2 and 3. The broad

dispersion curves may be expected to consist of several

mechanisms. As discussed in the case of the master curves

in Figs. 2 and 3, the direct separation of the reduced

modulus into the respective contributions is also very

difficult and consequently the relaxation mechanisms must

be distinguished by the activation energies derived from the

Arrhenius plots. The results are shown in Fig. 7(a). To carry

out the superposition of E0 and E00; the required vertical shift

was necessary to obtain the master curves as shown in Fig.

Fig. 2. Master curves of E0 for the calender films with l ¼ 3 and 14.

Fig. 3. Master curves of E00 for the calender films with l ¼ 3 and 14.

Fig. 4. (a) Arrhenius plots of the horizontal shift factor aT ðT ; ToÞ and (b) the

logarithm of the vertical shift factor bT ðT ;ToÞ versus temperature for the

calender films with l ¼ 3 and 14.

Fig. 5. Master curves of E0 for the undrawn and drawn fibers.
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7(b) but the shift factor becomes smaller as the draw ratio

increases.

The Arrhenius plots in Fig. 7(a) are represented by four

straight lines. The activation energies obtained from the

slopes of these lines are given as 176, 118, 24 and 9 kJ/mol

for the undrawn fiber and 141, 97, 23 and 10 kJ/mol for the

drawn fiber, indicating that each broad dispersion curve in

Figs. 5 and 6 consists of the four components. Judging from

the literature values, it is obvious that 176 and 141 kJ/mol

corresponds to the a2 dispersion, while 118 and 97 kJ/mol,

the a1 dispersion. The values for the a1 and a2 relaxation

mechanisms become lower by elongation and this tendency

is similar to the results for the calender films (see Fig. 4) and

ultradrawn polyethylene [27]. Actually, the undrawn fiber

with the preferential orientation of the a-axes (see Table 2)

shows the large activation energy of the a2 dispersion.

The remaining items of activation energies in Figs. 4(a)

and 7(a) are thought to belong to the g relaxation

mechanism. Several controversies have been discussed

already about the origin of the g relaxation mechanism. We

shall briefly summarize some references. For example, Illers

proved that the g peak is due to the amorphous fraction [53],

while Hoffman et al. proposed that it is strictly due to

defects in the crystalline phase [52]. Khanna et al. pointed

out that the g relaxation involves the motion of a short

segment (e.g. three to four CH2) belonging to the amorphous

phase and the chain ends within amorphous fractions [32].

Their concept is based on the basis of the experimental

results that the intensity of the g peak tended to decrease

with increasing crystallinity. These previous reports [32,53,

54] indicate that the g relaxation contains several local

relaxation mechanisms. If this is the case, the results in Figs.

4(a) and 7(a) support the above concept. In Fig. 4(a), the two

kinds of activation energies, 10 – 11 and 25 kJ/mol,

associated with the g relaxation are almost independent of

the draw ratio. The tendency for the g relaxation is different

from that of the b mechanism [27], which supports the

concept of Iller [53] and Khanna [32]. Judging from the two

kinds of activation energies lower than those of the a and b

mechanisms, it may be expected that the g relaxation is

essentially attributed to the local motion of central C–C

bond of short chain segments and/or local motion of loose

chain ends in the amorphous phase. If this is the case, the g

relaxation should be independent on the molecular orienta-

tional degree as well as the morphology of superstructure

listed in Tables 1 and 2. In Fig. 7(a), the activation energies

of the g dispersion were 9–10 and 23–24 kJ/mol for

undrawn and drawn fibers, respectively, indicating that the

two kinds of activation energies of the g dispersion are also

independent of molecular orientation and crystallinity. The

detailed analysis of the g dispersion shall be discussed later

in this paper.

Here it should be noted that vertical shift is significant in

construction of the master curves. Fig. 4(b) shows the

temperature dependence of the vertical shift factors

Fig. 6. Master curves of E00 for the undrawn and drawn fibers.

Fig. 7. (a) Arrhenius plots of the horizontal shift factor aT ðT ; ToÞ and (b) the logarithm of the vertical shift factor bT ðT ;ToÞ versus temperature for the undrawn

and drawn fibers.
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bT ðT ; ToÞ of E0 and E00: As can be seen in the figure, the

temperature dependence of bT ðT ; ToÞ in the temperature

range from 280 to 82 8C is roughly given by a common

straight line when plotted in logarithmic terms against a

linear scale of temperature. Above 82 8C and below

280 8C, the relationship between bT ðT ;ToÞ and T deviates

from the straight line. The same tendency shall be

represented later in Fig. 7(b). The necessity of the vertical

shift and the derivation of straight line have been reported

for several kinds of polyethylene films.

The significance of the vertical shift factor was discussed

by Nagamatsu’s [55] and Miki’s [56,57] approaches. The

former approach was based on the temperature dependence

of amorphous entropic elasticity supplemented by the

volume effect of the amorphous regions. On the other

hand, the latter approach took into account the temperature

dependence of crystal elasticity, based on a theory by Wada

[58] and Okano [59], of a smearing-out effect on the inter-

molecular potential within a crystal lattice. Kawai et al.

pointed out that both of the approaches give much smaller

temperature dependence of the vertical shift factor than that

required for fitting the experimental data [24–26]. They

concluded that the shift factor is related to the temperature

dependence of the crystal elasticity in the polar zone within

polyethylene spherulites on the basis of the temperature

dependence of the structural and mechanical parameters of

the spherulitic model. If the concept by Kawai et al. is

correct, the mechanical behavior of crystallites perpendicu-

lar to the chain axis is certainly due to the temperature

dependence of crystal elasticity, since the crystal lattice

modulus in the chain direction is independent of tempera-

ture below the normal melting point [60]. Accordingly, the

shift factor becomes smaller with increasing draw ratio in

the temperature range from 280 to 90 8C as shown in Figs.

4(b) and 7(b). As a typical example, the shift factor was very

small for the ultra-drawn film with l ¼ 400 whose second

order orientation factor is almost unity [27].

Here, we must consider another possibility that the g

relaxation involves that the number of carbons on the chain

increase as temperatures rise and consequently it is not a

simple process that only frequency is changing with

temperature. The assumption of two kinds of g relaxation,

g1 and g2, satisfied the concept for two kinds of non-

crystalline regions, rubber-like and interfacial-like com-

ponents by 13C NMR, which shall be discussed later. If this

is the case, the evidence seems to point to a motion

gradually increasing in complexity and therefore exhibiting

gradual increasing in the activation energy.

To derive the more precise conclusion concerning the a,

b, and g relaxation in terms of their activation energies,

similar estimation was done for the fibers with different

molecular orientation modes and the characteristics of the

fibers are shown in Table 1 together with other specimens.

In doing so, as the preliminary experiments, the temperature

dependence of E0 and E00 at a frequency of 10 Hz was

measured for the undrawn and drawn fibers. It was

confirmed that the E00 behavior for the specimens with

crystallinity .68% provides the a and g relaxation peaks

and no b relaxation peak.

According to Khanna et al. the magnitude for the b

relaxation tended to increase mostly with the increase in

amorphous volume and the dispersion peak temperature

ðTbÞ increased with increasing molecular weight and was

influenced by the type and amount of branching [32]. In

order to confirm the b relaxation peak, the temperature

dependence of E0 and E00 at a frequency of 10 Hz was

obtained for melt films of branched polyethylene, G201 and

G808 with crystallinity ,46%. Fig. 8 shows the results. A

dispersion peak associated with the b relaxation can be

surely observed around 225 8C but no a dispersion can be

observed obviously. Here we must emphasize that the peak

is associated with the b relaxation, since positron annihil-

ation provides the second transition of t3 which appears at

230 8C. The detailed analysis shall be discussed later in this

paper. Based on this information, the frequency dependence

of E0 and E00 was measured in the temperature range from

280 to 10 8C and the master curves of E0 and E00 were

constructed only by shifting horizontally, reduced to the

common reference temperature of 220 8C.

Fig. 9 shows the Arrhenius plots for G201 and G808. The

activation energies are given as 114 kJ/mol for G201 and

Fig. 8. Temperature dependence of the complex dynamic moduli at a

frequency of 10 Hz for the melt films of G201 and 808.
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115 kJ/mol for G808. The values between the two speci-

mens are almost equal in spite of different melt indices as

mentioned in Section 2. Khanna et al. proposed that the b

relaxation mechanism is the glass transition [32]. The

activation energy of the b relaxation estimated by dynamic

X-ray measurements, however, was almost equal to that of

the a1 relaxation relating to intra-lamellar grain boundary

phenomena associated with reorientation of crystal grains

between the lamellae within spherulites. Because of the

activation energy higher than 100 kJ/mol, the b mechanical

relaxation cannot be assigned to the glass transition.

According to the concept of Kawai et al. [26], the distinction

between the a1 and b mechanical relaxations of G201 with

low crystallinity was reported to be impossible from the

activation energies, since the both energies were almost the

same. In their report, the energy of the b relaxation for linear

polyethylene films became lower as crystallinity increase

and the activation energy became less than 100 kJ/mol and

the both relaxations could be discriminated.

In accordance with refined works for HDPE by Hentschel

et al. [30], chain motion in the amorphous phases (HDPE)

and glass transition were studied by using 2H NMR [16],

and the change of 2H spectra measured in temperature range

from 2163 to 37 8C was analyzed in terms of free volume

picture relating to thermal expansion in the amorphous

region. They pointed out that increasing free volume

provides an increase in the number of conformations

accessible to molecular motion. They suggested three

bond motions at low temperatures, five-bond motions at

room temperature and motions with more than 10 bonds

below the melting point.

An increase in free volume can be clearly estimated by

positron annihilation [61]. Positron annihilation is one of the

useful techniques to investigate characteristics of polymers.

One can notice such a phenomenon that as positrons emitted

from 22Na induce radiation damage, the intensity ðI3Þ of the

long-lived component of ortho-positronium (o-Ps) tends to

decrease gradually with the measurement times [62,63]. The

decrease of I3 depends on the kinds of polymer and the

positron irradiation effect occurs mostly in the amorphous

phase. According to several reports [44–47], the effect

provides an interesting probe at low temperatures to study

positronium formation and the characteristics of polymers.

For example, I3 tends to increase with decreasing tempera-

ture and this tendency had been explained by the relaxation

of the polymer structures by a number of studies [64].

Fig. 10 shows the intensity I3 and the lifetime t3 of

positronium as a function of temperature. The calender film

(linear PE with l ¼ 3) and undrawn melt film (branched PE,

G201) were used as test specimens. The cooler the sample

became, the greater was the increase in I3: This tendency has

been confirmed for other samples [65]. The increase in I3 is

due to accumulation of trapped electrons in shallow traps,

which are created after freezing the molecular motions at

low temperature and attains saturation. As can be seen in

this figure, around 2120 8C, I3 begins to decrease with

increasing temperature and attains to a minimum at 230 8C.

2120 8C was considered to be the temperature correspond-

ing to the local mode relaxation of polyethylene having two

effects on the trapped electrons: the commencement to

remove trapped electrons from the shallow potential and the

contribution to the elimination of the shallow potential due

to the motion of polymer chains.

In accordance with Suzuki et al., the local motion around

230 8C causes a large movement of polymer chains and

most of shallow potentials may be smeared out by the

movement and then the trapped electrons may also

disappear [66]. If this is the case, the molecular motion at

low temperatures affect the trapped electrons in shallow

potential and consequently the variation of I3 is closely

related to the relaxation temperature as a secondary effect.

Beyond 230 8C, I3 increases again. This is due to the fact

that very small holes, which cannot be detected by positron

annihilation, can be detected by an increase in the size of the

holes upon thermal expansion. Consequently, it turns out

that the b dispersion corresponds to the minimum point of I3

and the g dispersion, the starting point of the decrease in I3:

On the other hands, the lifetime t3 is well-known to be

related to the size of hole by using Tao’s equation [61]. The

longer t3; the bigger the hole size in polymer solid. As

shown in Fig. 10, there exist three transitions of t3: for the

branched polyethylene film G201. The first transition

corresponds to the glass transition (the g relaxation)

associated with an increase in free volume, and the second

transition at 230 8C corresponds to the b relaxation. The

third transition at 50 8C is attributed to the onset of

molecular motions in the epidermis part of crystallites

Fig. 9. Arrhenius plots of the horizontal shift factor aT ðT ;ToÞ for G201 and

G808 films.
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corresponding to the grain boundary regions. The transitions

of t3 show a good correlation with the varying behavior of

I3: This result supports that the peak of E00 around 225 8C in

Fig. 8 is surely the b relaxation associated with a large

movement (macro-Brownian motion) of amorphous chains.

On ther other hand, there is only the first transition for a

linear polyethylene film with l ¼ 3: No appearance of the

second peak supports no peak of b relaxation in Fig. 1(b).

This tendency is also confirmed for the ultradrawn

polyethylene [67].

Returning to Figs. 4(a) and 7(a), it is seen that there exist

two kinds of activation energy indicating two components

of the g relaxation: 25 and 10 kJ/mol for the calender film

ðl ¼ 3Þ; 25 and 11 kJ/mol for the calender film ðl ¼ 14Þ; 24

and 9 kJ/mol for the undrawn fiber (mono-filament) and 23

and 10 kJ/mol for the drawn fiber. Interestingly, the two

kinds of activation energies are independent of the

molecular orientation, crystallinity and mechanical property

in bulk, although the orientation of crystallites for the

undrawn and drawn fibers are quite different each other as

shown in Table 2. This result supports the concept that the g

relaxation is associated with the local motion of molecules

as discussed before. Based on 13C NMR measurements for

polyethylene, Kitamaru et al, pointed out that the non-

crystalline component can be classified into two regions: a

rubber-like amorphous component and an interfacial

noncrystalline one [68]. Their concept was verified for

several kinds of polyethylene films [69]. The activation

energy, 9–10 kJ/mol is similar to the rotational barrier for

the central C–C bond in n-butane reported to be about

13.8 kJ/mol from thermodynamic data [70,71]. If this is the

case, the relaxation with the activation energy, 9–10 kJ/

mol, is thought to be due to the local rotational barrier of

central C–C bond in rubber-like amorphous phase associ-

ated with no significant intermolecular potentials. In

contrast, the activation energy, 23–25 kJ/mol, suggests

high rotational barrier relating to local motions of the central

C–C bond within the interfacial-like amorphous phase.

Accordingly, the g relaxation mechanisms with activation

energies, 9–10 and 23–25 kJ/mol are termed as the g1 and

g2, respectively, and the detailed discussion shall be done

together with nuclear magnetic relaxation.

The serious problem to pursue the detailed discussion is

due to the different measurement conditions between the

complex moduli and 13C NMR. The complex moduli were

obtained with a fixed length by clamping the film between

two metallic clamps, while the 13C NMR data were obtained

with the length which allowed the change freely during the

measurement at elevated temperature. In our NMR instru-

ment, it was impossible to set the specimen with fixed length

in the cylinder type sample tube. To check the temperature

dependence of crystallinity under the measurement process

of the complex moduli, the crystallinity was estimated by X-

ray diffraction measured with a fixed length.

Fig. 11 shows X-ray diffraction intensities as a function

of s (s ¼ 2p sin uB=l
0; where uB is the Bragg angle and l0 is

the wavelength of X-ray) for the quenched G201 at the

indicated temperature. The curves were obtained by

subtracting the air scattering, polarization absorption, and

incoherent scattering from the observed intensity. The

dotted line represents the contribution from the non-

crystalline phase after subtracting the summation of

intensity curves of each crystal plane. Ruland [72–74]

and Killian [75] proposed the method to estimate crystal-

linity of a random orientation system from X-ray diffraction

intensity curve and their method is applied to an oriented

system in this paper. In the oriented system, the crystallinity

can be obtained as follows:

XcrðTÞ ¼ X0
crðTÞK ð1Þ

Fig. 10. Lifetime ðt3Þ and intensity ðI3Þ against temperature for the calender film (linear PE) and the indrawn melt film (branched PE).
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where Xcr
0ðTÞ and K are given by

X0
crðTÞ ¼

Ð p
2

0

ÐSp

S0
s2Icrðs; u;TÞ sin u ds du

Ð p
2

0

ÐSp

S0
s2Iðs; u; TÞ sin u ds du

ð2Þ

and

K ¼

ÐSp

S0
s2kf 2lds

ÐSp

S0
s2kf 2lD2

t ds
ð3Þ

where

kf 2l ¼
P

njf
2
jP

nj

ð4Þ

Icrðs; u;TÞ and Iðs; u;TÞ in Eq. (2) are the intensity

distributions from the crystallites and the specimens,

respectively, at u denoting the polar angle between the

reference axis and stretching direction. The actual measure-

ment was carried out by rotating about the film normal

direction at 108 intervals of u from 0 to 908 and the X-ray

diffraction curve as a function of s was obtained at each u:

This means that the estimation of crystallinity of the drawn

film is much more complicated than that of an undrawn film,

since the integration of Eq. (2) over u is unnecessary for

random system. Because of the difficult measurements, the

estimation of crystallinity using above method has never

been reported. S0 is the value associated with the initial

scanning angle and Sp is related to the desired scanning

angle for determining the crystallinity. fj is the scanning

factor of the jth atom and nj is the number of atoms within a

crystal unit. Therefore, kf 2l is the average scattered intensity

from the atoms. Dt is the coefficient containing the first- and

second-order lattice distortion associated with thermal

fluctuation, which is given by

D2
t ¼ exp{ 2 ks2} ð5Þ

Table 3 shows the temperature dependence of crystallinity

of G201 films and Tables 4 and 5, the calender films with

l ¼ 3 and 14. The value of k in Eq. (5) must be determined

to give a constant value of crystallinity which is independent

of the integrated region ðSp 2 S0Þ: Such a value was chosen

by computer. The crystallinity decreases with increasing

temperature but the values at room temperature are almost

equal to those measured by density shown in Table 1.

To check the difference of temperature dependence of

crystallinity between X-ray and 13C NMR, CP/MAS spectra

were measured for G201 at temperatures from 30 to 100 8C.

Fig. 12 shows the results. The mass fraction is sensitive to

an increase in temperature. The magnitude of the peak

intensity decreases with increasing temperature, although

the CP/MAS spectra emphasize the contribution of crystal-

line phase. The contribution from crystalline phase

disappeared at 100 8C. This is quite different from the data

obtained by X-ray diffraction shown in Fig. 11 and Table 3,

since the crystallinity at 100 8C was more than 35%. The

large difference between X-ray and 13C NMR is probably

due to the different experimental conditions as discussed

already. Of course, this suggests that much caution should

be exercised in comparing the results obtained by the

dynamic mechanical measurements, positron annihilation

and 13C NMR.

In spite of the detailed analysis discussed already, it is

not yet clear how the motion of individual carbons in the

molecules contributes to these relaxation processes. Vari-

able-temperature 13C high-resolution NMR in solids has

Fig. 11. X-ray diffraction intensity as a function of s for G201.

Table 3

Crystallinity for the quenched G201 film calculated by a desired value of k

(0.5) to give a constant value in the intergated region of S0 to Sp using the

Ruland method

Integrated region S0 –Sp Temperature (8C)

20 40 60 80 100

0.1–0.495 49.0 45.8 40.8 37.7 37.0

0.1–0.555 47.7 44.9 41.2 37.6 37.6

0.1–0.620 48.6 44.6 41.8 38.4 37.7

0.1–0.680 47.9 44.0 40.9 38.2 36.3

0.1–0.750 47.5 44.7 41.2 39.8 36.2

0.1–0.805 46.8 45.5 41.7 40.4 36.5

Average (%) 47.8 45.1 41.4 39.0 36.4
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played an important role to analyze the relaxation processes

whose parameters can be measured for each carbon by

combining the techniques of cross polarization, high-power

proton decoupling, and magic-angle sample spinning

[34–36].

For the above glass transition temperature Tg;
13C high-

resolution spectra are obtainable even for solid polymers by

conventional NMR spectrometers used for liquids owing to

the relaxation of 13C–1H dipolar interactions by rapid

molecular motions. Horii et al. [38] studied molecular

motions of each constituent carbon in different polyesters

above Tg by the determination of 13C spin–lattice relaxation

time T1C: On the basis of the same concept, local dynamics

in bulk poly(vinyl methylether) was investigated by Dejean

[39]. They pointed out that the molecular motions in bulk

are of the same nature in solution and the local motions

observed by NMR belong to the glass transition on the basis

of the similarity of the temperature variation of the

correlation time concerning conformational jumps to the

predictions of the WLF equation for visco-elastic relaxation

[76]. Mohanty et al. measured T1C as a function of

temperature for poly (g-n-octadecyl L-L-glutamate) (POLG)

and poly (g-n-octadecyl L-glutamate) (POLLG) to analyze

molecular motion of polyglutamate. For POLG, they

observed a clear minimum value of T1 for POLLG

associated with the b relaxation at 0 8C and a shoulder

associated with the g relaxation at 240 8C [40].

Recently, Chen et al. reported the 13C spin–lattice

relaxation times, T1C of 13C-labeled polyethylene crystallized

under different conditions at temperature from2120 to 44 8C

to study dynamics of the non-crystalline region [41]. They

obtained T1C for the non-crystalline component which appears

at 30.3 ppm. According to their paper [41], the minimum

value of T1C occurs around 210.5 8C for the solution-

crystallized specimen and around 230.5 8C for the

melt-crystallized specimen. Their activation energies for the

former and latter specimens were estimated to be 21.7 and

15.6 kJ/mol, respectively, by assuming a single relaxation

mode. Based on the values, they pointed out that the relaxation

is due to rapid trans-gauche transition in the amorphous

phase. Surely, the relaxation with 15.6 kJ/mol is similar to the

rotational energy (13.8 kJ/mol) around the central C–C bond

of n-butane but the other relaxation with 21.7 kJ/mol is

obviously out of the framework of the rotational barrier in

the rubbery-like amorphous phase.

To obtain the further detailed analysis of the relaxation

mode of polyethylene, the local relaxation mode is also

investigated by 13C NMR. In doing so, T1C and the mass

fractions were measured by Torchia’s pulse sequence and

by DD/MAS, respectively, for G201 and G808 at room

temperature. To obtain T1C of the orthorhombic crystal form

for each specimen, the semi-logarithmic plot of the peak

height of line 33 ppm was done against decay time tc: The

DD/MAS spectra, which reproduce the contribution from all

structural components, were obtained after the T1C

Table 5

Crystallinity for calender film at l ¼ 14 calculated by a desired value of k

(0.5) to give a constant value in the integrated region of S0 to Sp using the

Ruland method

Integrated region So –Sp Temperature (8C)

20 40 60 80 100

0.1–0.495 87.9 87.0 87.7 85.5 80.0

0.1–0.555 87.2 85.9 87.1 84.5 79.2

0.1–0.620 87.9 86.3 87.6 85.0 80.2

0.1–0.680 87.5 86.5 87.5 84.6 80.9

0.1–0.750 87.6 86.8 87.6 84.7 81.2

Average (%) 87.6 86.5 87.5 84.9 80.3

Table 4

Crystallinity for calender film at l ¼ 3 calculated by a desired value of k

(0.5) to give a constant value in the integrated region of S0 to Sp using the

Ruland method

Integrated region S0 –Sp Temperature (8C)

20 40 60 80 100

0.1–0.495 68.8 67.1 65.3 63.1 57.6

0.1–0.555 67.8 67.1 65.5 63.7 58.3

0.1–0.620 69.5 67.6 67.2 62.8 59.7

0.1–0.680 68.7 66.8 67.3 64.4 59.5

0.1–0.750 69.0 67.1 67.1 64.5 59.5

Average (%) 68.8 67.1 66.5 63.7 58.9

Fig. 12. CP/MAS spectra measured for G201 at the indicated temperatures.
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measurement, since the waiting time was chosen to be

longer than five times against the longest T1C for G201 and

G808. Each spectrum was analyzed by the least-square

fitting in terms of three parameters of the complex function

given as Gaussian and Lorentzian functions, in which the

line width and peak height of each component were

determined on the basis of small changes from the initial

peak position. As listed in Table 6, the orthorhombic crystal

form is made up of three components with different T1C

values with significant ranges of variability as has been

reported for several kinds of polyethylene samples [77]. The

longest T1C values listed in Table 6 are much lower than

those reported for single crystal mats and dry gel films with

crystallinity .80%. Of course, it is incorrect to assign the

shortest T1C values, 0.45 s for G201 and 0.70 s for G808, as

the noncrystalline component, although the value is fairly in

good agreement with a single value of T1C (0.305 s) of the

non-crystalline component measured by the standard

saturation recovery pulse sequence.

The DD/MAS spectrum gave the mass fractions, in

which the total mass fraction of orthorhombic and

monoclinic crystal forms can be estimated as the crystal-

linity. In this case, the values for G201 and G808 are 49 and

47%, respectively and they are in good agreement with the

crystallinity estimated from the density measurement. As

has been reported for polyethylene samples, there exist two

components in the non-crystalline regions; a rubbery

component and a less disordered component. The latter is

thought to be located in the interfacial region (not

paracrystalline) between the crystalline and rubbery com-

ponents. The difference between the two components,

however, cannot be detected by X-ray diffraction. It will

be discussed later in terms of temperature dependence of

T1C:

Fig. 13(a) and (b) shows partially relaxed spectra of

G201 measured by the standard saturation recovery pulse

sequence at 20 and 225 8C, respectively. At 20 8C, the

contribution from crystalline components with T1C ¼ 135

and 7.5 s (see Table 6) is suppressed because of the short

value of given t: With increasing t; the spectrum is

postulated to contain all noncrystalline components and a

part of the crystalline component with T1C ¼ 0:45 s: At

225 8C, the contribution from crystalline component

disappeared at shorter values of t than 0.5 s indicating

that T1C of the shortest component of the orthorhombic form

at 225 8C is longer than that at room temperature.

Fig. 14(a) and (b) show the semi-logarithmic plot of the
13C magnetization of the peak height of the non-crystalline

Fig. 13. Stacked spectra of the G201 as a function of t by the standard

saturation recovery pulse sequence.

Table 6
13C spin–lattice relaxation time ðT1CÞ; crystallinity and amorphous fraction

of G201 and G808 at room temperature

Specimen T1C (s) Mass fraction (%)

Crystalline

component

orthorhombic

Crystalline Interfacial Rubbery

G201 135 7.5 0.45 49 32 19

G808 113 13.0 0.70 47 31 22
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component as a function of decay time tc by the standard

saturation recovery method that is significant to estimate

T1C times shorter than a few seconds. The measurements

were carried out in the temperature range from 245 to

20 8C. The decay curves showed one component. Above

225 8C, T1C increases with temperature. This tendency was

also confirmed even for ultra-drawn polyethylene with l ¼

300 [27].

Fig. 15 shows the T1C against the reciprocal absolute

temperature. The minimum value of T1C appeared around

225 8C corresponding to the b relaxation peak observed by

the visco-elastic measurement shown in Fig. 8. By using the

minimum value of T1C; the relationship between T1C and tc

can be obtained by assuming a single correlation time model

based on the BPP(Bloembergen, Purcell, Pound) theory

[78]. If the temperature dependence of the correlation time

tc follows the Arrhenius plots as tc ¼ expð2DE=RTÞ; the

activation energy DE can be estimated from the slope of

lnðtcÞ versus reciprocal absolute temperature ð1=TÞ: The

value is 20.7 kJ/mol and this value is higher than the value,

15.6 kJ/mol, obtained by Chen et al. [41]. Here it should be

noted that this value is close to the value of activation

energy, 23–25 kJ/mol, of the g2 relaxation by the dynamic

mechanical measurements shown in Figs. 4(a) and 7(a).

This supports that the activation energy estimated by 13C

NMR is not related to the g1 but the g2 mechanism. Namely,

the activation energy estimated by 13C NMR is too high to

assign as the g1 relaxation associated with the rapid trans-

gauche transition in the rubbery-like amorphous phase,

since the rotational barrier for the central C–C bond in n-

butane is 13.8 kJ/mol. It is reasonable to consider that the

dispersion at 225 8C by 13C NMR belongs to the g

relaxation, although the dispersion at the same temperature

measured by the dynamic mechanical measurements

corresponds to the b relaxation. This adequacy is due to

the large difference of frequency as the external applied

excitation.

Because of the higher rotational barrier, the results by
13C NMR and mechanical dynamic measurements together

indicate that the g2 relaxation is associated with the motion

of a short segment (e.g. three to four CH2) as well as the

local motion of loose chain ends within the interfacial-like

amorphous phase. The curve in Fig. 16 is re-calculated from

the activation energy DE: The curve is in good agreement

with the experimental data indicating no existence of

Fig. 16. Plots of correlation times tC of non-crystalline component against

the reciprocal absolute temperature measured and recalculated for G201.

Fig. 15. Spin–lattice relaxation time T1C against the reciprocal absolute

temperature.

Fig. 14. Semi-logarithmic plot of the 13C magnetization of the peak height

of the non-crystalline component as a function of decay time.
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another minimum of T1C at lower temperature ,225 8C

associated with the g1 relaxation. Actually, as shown in

Table 4, the mass fraction of interfacial component is much

higher than that of rubbery component. Of course, we must

consider the possibility that the result obtained from Fig. 16

represents the combined influence of the two correlation

times.

Through a series of experimental results, it is evident that

the rapid motion around the glass transition temperature

invokes the g relaxation and is independent of the b

relaxation. It turns out that the b relaxation for undrawn

films with spherulitic structure must be essentially similar to

the mechanical dispersion of the a1 dispersion. As discussed

before, the b mechanical dispersion is assigned to large

movement (macro Brownian motion) of amorphous chain

while the a1 mechanical dispersion is assigned to intra-

lamellar grain boundary phenomena associated with

reorientation of crystal grains within the lamellae pointed

out by Kawai et al. [26]. In summary, dynamic X-ray

diffraction is very powerful technique for studying the

crystal dispersion (the a relaxation), while 13C NMR and

positron annihilation are powerful for studying the b and g

relaxation. Actually, any instrument except dynamic X-ray

cannot distinguish the difference between a1 and a2.

4. Conclusion

Several relaxation processes of polyethylene were

extensively investigated for specimens with different

crystallinity, molecular orientation and superstructures by

measuring dynamic mechanical relaxation, positron annihil-

ation and nuclear magnetic relaxation. Three kinds of

relaxation techniques were applied to the same specimen.

For dynamic mechanical relaxation, the frequency depen-

dence (from 0.01 to 100 Hz) of their complex dynamic

tensile modulus was measured in the range of temperature

from 2150 to 130 8C. The master curves were constructed

by shifting horizontally and then vertically. From the

Arrhenius plots, the activation energies of the a1 and the a2

relaxations were determined to be 97–118 and 141–

176 kJ/mol, respectively. The activation energies of the a1

and a2 relaxations become smaller with increasing draw

ratio. This phenomenon was in good agreement with the

results of rheo-optical studies reported already. The

activation energy of the b relaxation was 114 –

115 kJ/mol. These values were similar to those of the a1

relaxation. Because of the similar value of the activation

energy, it is obvious that the b mechanical relaxation cannot

be assigned to the glass transition but to a large movement

(macro Brownian motion) of amorphous chains. This result

was supported by the temperature dependence of o-Ps

lifetime measured by positron annihilation.

The relationship between lifetime and temperature

suggested a glass transition around 2120 8C corresponding

to the g relaxation mechanism. For the g relaxation

mechanisms, there exist two mechanisms, the g1 and g2,

whose the activation energies are 9–11 and 23–25 kJ/mol,

respectively. The activation energy of the g relaxation is

independent of the molecular orientation and crystallinity.

The former value is similar to the rotational barrier for the

central C–C bond in n-butane reported to be about

13.8 kJ/mol from thermal dynamic data. Accordingly, the

activation energy, 9–11 kJ/mol, is thought to be due to the

g1 relaxation associated with the rapid trans-gauche

transition of a short segment (e.g., three to four CH2) in

the rubbery-like amorphous phase with no significant

intermolecular potentials. The b and g relaxations by the

dynamic mechanical measurements were in good agreement

with those estimated from the transition concerning lifetime

as well as the intensity of the long-lived component of o-Ps.

For nuclear magnetic relaxation, the semi-logarithmic

plot of the 13C magnetization of the peak height of the non-

crystalline component was done as a function of decay time

by the standard saturation recovery method. The minimum

value of T1C appeared around 225 8C corresponding to the

b relaxation peak observed by visco-elastic measurements.

Assuming a single correlation time tc; the activation energy

obtained was 20.7 kJ/mol, this value is close to the latter

value of activation energy (23–25 kJ/mol) of the g2

relaxation by the dynamic mechanical measurement. The

result by 13C NMR did not provide two kinds of activation

energies, which is thought to be due to combined influence

of the two correlation times.
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